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Abstract The process of nanocontact including indenta-
tion and retraction between a large Ni tip and a Cu sub-
strate is investigated using quasicontinuum (QC) method.
The multiscale model reveals that signiﬁcant plastic
deformation occurs during the process of nanocontact
between Ni tip and Cu substrate. Plastic deformation is
observed in an area as large as 20 nm wide and 10 nm
thick beneath Ni tip during the indentation and retraction.
Also, plastic deformation at a deep position in the Cu
substrate does not disappear after the neck failure. The
analysis of generalized planar fault energy curve shows
that there is a strong tendency for deformation twinning in
Cu substrate. However, deformation twinning will be
retarded during indentation due to the high stress intensity
caused by stepped surface of Ni tip. The abrupt drop of
load curve during tip retraction is attributed to the two
different fracture mechanisms. One is atomic rearrange-
ment near the interface of Ni tip and Cu substrate at the
initial stage of neck fracture, the other is shear behavior of
adjacent {111} planes at the necking point. A comparison
of the critical load and critical contact radius for neck
fracture is also made between theoretical values and our
numerical results.
Keywords Multiscale simulation   Quasicontinuum
method   Nanocontact   Neck fracture
Introduction
The intricate mechanical and thermal behavior of nano-
sized contact not only is of fundamental importance
involved in friction and wear process [1–3], but also
plays a vital role in microelectromechanical/nanoelec-
tromechanical systems (MEMS/NEMS) [4–6]. The under-
standing of the fundamental mechanisms of nanocontact at
atomic scales has become one subject of intensive research.
With the help of experimental techniques, such as atomic
force microscopy (AFM), the scanning tunneling micro-
scope (STM), confocal Raman microscopy (CRM), and the
mechanically controllable break junction (MCBJ), lots of
experimental studies have been carried out to investigate
metallic contact and the process of indentation and
retraction of nanocontact [7–11]. But it is still difﬁcult to
examine the real-time evolution of atomic conﬁguration
near contact area experimentally.
Molecular dynamics (MD) simulation is now extensively
used to investigate nanocontacts for its potential to reveal
detailed deformation mechanism at the atomic scale. For
instance, the earliest MD simulations of nanocontact are
carried outby Landetal.[12,13]usinga Nitip with aradius
of 3 nm; Song and Srolovitz [14, 15] have investigated the
inﬂuence of the work of adhesion on material transfer in
asperitycontacts;Jiangetal.[16]studiedtheeffectsofstrain
rates on the plastic ﬂow during nanoindentation by using
molecular dynamics. Hagelaar [17] examined different
types of deformation mechanisms when a tungsten tip and a
tungsten substrate come into contact under different com-
binations of crystal direction. Although MD can provide
insights into the formation, deformation, and fracture of
nanocontacts, there are many disadvantages for MD simu-
lations. One is that its limited timescale leads usually to
unrealistic high pulling rates, and relatively small sizes of
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ﬁcially change the dislocation dynamics. Furthermore, most
of MD simulations are carried out with tip radiuses smaller
than 5 nm while the radius of a typical tip used in tip–sub-
strate interaction experiment by STM is around or even
larger than 10 nm [7, 18, 19]. Recently, several multiscale
methods [20–23] are proposed to simulate models with
dimensions of the order of microns and thus minimize the
possibility of the contamination of the results by the
boundary conditions arising from the small model size.
Based on earlier discussions, we employ an efﬁcient
and effective multiscale method—quasicontinnum (QC)
method initially developed by Tadmor et al. [24]— to
investigate nanocontact process with large dimension of tip
and substrate, which can effectively avoid the artiﬁcial
boundary conditions encountered in MD. In present study,
combined with the generalized planar fault energy (GPF)
curve, we discuss the deformation twinning that is formed
in the whole contact process. In addition, we ﬁnd two
different types of neck fracture mechanisms corresponding
to the load-jump in the load–depth curve. Finally, a com-
parison of the critical load and critical contact radius for
neck fracture is also made between adhesive contact model
and our numerical results.
Simulation Method
The QC method is an effective multiscale approach that
couples continuum and atomic simulation. It is established
that discrete atomic description are only necessary at
highly deformed region and in the vicinity of defects or
interfaces. Representative atoms in QC method are divided
into local atoms and non-local atoms. The local atoms
capture the deformation behavior of atoms that undergo
slowly varying deformation based on Cauchy–born rule.
The non-local atoms are treated by discrete atomistic lat-
tice statics in the areas where severe plastic deformations
occur. By using an adaptive reﬁnement strategy, the QC
method automatically reduces the degrees of freedoms and
computational demand without losing atomistic detail in
regions where it is required. More details of QC method
can be found in [25].
A schematic illustration of nanocontact between Ni tip
and Cu substrate is shown in Fig. 1a. The radius of Ni tip in
our model is 10 nm, much larger than most of tips used
MD simulations as far as we know. A nickel tip is chosen
because it is harder than Cu and tip deformation is not
desired in experiments. The crystal directions of Ni tip
along x and y axis are chosen to be ½ 110  and [111],
respectively. Along this lattice orientation, the Ni tip has
higher stiffness. In this study, the geometry of Ni tip is
modeled as a wedge with a tip radius of 10 nm, which is
similar to that used in experiment, as illustrated in Fig. 1a.
The single crystal Cu substrate in this simulation is 200 nm
wide, 100 nm thick, and inﬁnite in the out-of-plane direc-
tion with periodic boundary conditions. The size of Cu
substrate is one order magnitude larger than the typical
models used in MD. The crystal directions of Cu substrate
along x- and y-axis are chosen to be [110] and [001],
respectively, to facilitate the emissions of Shockley partials
and deformation twinning [26].
The selection of representative atoms near the interface
is shown in Fig. 1b. In order to avoid initial interaction
between the Ni tip and the upper surface of Cu substrate,
the initial distance between them is 0.65 nm, which is
larger than the cutoff radius (0.55 nm).During the simula-
tion, the bottom of the substrate is kept ﬁxed, and the left
and right boundaries of the substrate are set free. The Ni tip
is gradually indented or retracted from the Cu substrate
by displacement-imposed boundary conditions with an
 
(a)
(b)
Fig. 1 Schematic representation of a naocontact model and b repre-
sentative atoms near the interface
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123increment of 0.02 nm per step. The maximum of indenta-
tion depth is approximately 2 nm and subsequent the Ni tip
retracts from the substrate completely. The interatomic
interactions between the same types of atoms are described
by the embedded-atom-method (EAM) potential developed
by Daw and Baskes, [27] while different types of atoms
(namely, Cu atoms and Ni atoms) described through the
geometric mean of the pair interaction potential.
Results
The load as a function of indentation depth during the whole
process of indentation and subsequent retraction is plotted
in Fig. 2. The arrows illustrate the direction of motion of Ni
tip. The load is the sum of the force acting on the top surface
of Ni tip divided by the repeating distance along the out-of-
plane direction. Positive load in Fig. 2 indicates the repul-
sive interaction between Ni tip and Cu substrate, while
negative force refers to adhesive interaction. The initial
contact between Ni tip and Cu substrate corresponds to zero
indentation depth. A number of inﬂection points of interest
are denoted by alphabetic characters. The whole process
can be divided into two parts: indentation process (corre-
spond to O–J stage of the load–depth curve in Fig. 2) and
retraction process (correspond to J–V stage in Fig. 2). The
von Mises strain [28] is used as a simple but sufﬁcient tool
to trace slipped atoms in our simulation though more
elaborate ways of identifying defects are available.
Indentation Process
The initial distance between the atoms of the Ni tip and the
surface atoms of the substrate is chosen to be larger than
the cutoff radius (0.55 nm) of the intermolecular potential
to avoid initial interaction. Ni tip jumps to contact with Cu
substrate abruptly at a distance of 0.45 nm (corresponding
to O–A stage in Fig. 2). Though jump-to-contact have also
been observed by experiments [7, 12, 29] and MD simu-
lation [17], our research further reveals that the strong
localized attractive force (about 2.8 GPa) between large Ni
tip and Cu substrate during jump-to-contact can lead to
plastic deformation of Cu substrate. As shown in Fig. 3a, a
hole in Cu substrate near the interface denoted by letter A
is observed in our simulation. After the abrupt jump-to-
contact, attractive force between the tip and the substrate
decreases linearly until next load drop (namely, B–C stage)
caused by annihilation of the hole occurs.
During C–D stage, a lack of special features and
deﬂection points indicates that Cu substrate undergoes a
long period of elastic deformation. After that, the increased
load leads to the simultaneous emission of a a/6½ 1 1 2  (a is
the lattice constant of Cu) Shockley partial along ð 1 11Þ
plane and a a/6½ 1 1 2  Shockley partial along (111) plane
from the surface of Cu substrate (corresponding to the B–C
stage shown in Fig. 2). The two Shockley partials interact
beneath the tip, and a new dislocation is formed as shown
in Fig. 3b. The interaction of Shockley partial is
1
6
a½ 1 12 þ
1
6
a½ 1 1 2 ¼
1
3
a½ 1 10 ð 1Þ
The new dislocation is also termed as nominal lock [30]
since the Burger’s vector of the dislocation is not along the
slip direction and is constrained by the periodic boundary
along out-of-plane direction. It is worth noting that
Shockley partials emit from the surface of the substrate
near the steps of Ni tip. This is quite different from the
results that dislocations nucleate in the substrate beneath
ideal rigid indenters [31, 32] which is represented by a
sphere repulsive potential. Our result indicates that it is
highly possible that Shockley partials emitted from the
surface into Cu substrate ﬁrst due to the irregularity of tip
or surface roughness.
After elastic stage of E–F in Fig. 2, two Shockley par-
tials emit along the ð 1 11Þ and (111) plane from the surface
again, and another lock is created when the two Shockley
partials meet with each other. With the increase in inden-
tation depth, the slip along on ð 1 11Þ plane passes the lock
and extends away from surface of substrate as seen in
Fig. 3c. At the same time, a two-layer twinning fault in Cu
is observed on the right-hand side of Cu substrate beneath
Ni tip. Deformation twinning will be investigated by the
GPF in later discussion.
Figure 3d illustrates atomic conﬁguration at the maxi-
mum indentation depth. Both three-layer twinning faults
and stacking faults are observed in the Cu substrate. It is
surprising that the longest stacking fault extends into Cu
substrate as deep as 14 nm, even larger than the dimensions Fig. 2 Load–depth response curve for nanocontact
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123of some MD models. Besides, the stacking faults are also
observed on the two sides of Ni tip. The plastic deforma-
tion occurs in an area as large as 20 nm wide and 10 nm
thick at the end of the indentation. The large area of plastic
deformation in our multiscale simulation indicates that MD
simulations might not fully capture details of deformation
during nanocontact with a relatively large tip.
Retraction Process
Retraction process can also be clearly classiﬁed into two
parts based on the proﬁle of load–depth curve in Fig. 2.
During the ﬁrst part of retraction (namely, J–L stages in
Fig. 2), the load decreases linearly with the decrease of
indentation depth, which is very similar to the unloading
process of macroscopic compression test. For the second
part (as M–V stages in Fig. 2), a neck is formed and then
gradually break. This process is accompanied by sawtooth-
shaped load-jump. Considering their distinguish character-
istics, the two parts of retraction are discussed, respectively.
The Linear Part of Retraction
During the ﬁrst part of retraction, the linear decrease of
load with the reduction of indentation depth is observed in
our simulation, which is in agreement with the results of
many experiments [8, 33, 34]. The linear decrease of load
can be conﬁrmed by careful examination of atomic con-
ﬁguration beneath Ni tip. Figure 4a shows the atomic
conﬁguration when completely unloaded (point K in
Fig. 2). Comparing the atomic conﬁguration at maximum
indentation depth (Fig. 3d) with the unloaded one, we can
ﬁnd that almost none of stacking faults and twinning faults
disappear during this unloading process. Further retraction
also increases adhesive force almost linearly at K–L stages
in Fig. 2. The jump of adhesive force at L–M stages is
caused by the simultaneous backward slip of atoms on
ð 1 11Þ and (111) planes. Corresponding to the point M in
Fig. 2, the atomic conﬁguration is shown in Fig. 4b. It can
be seen that only few stacking faults and twinning faults
exist beneath Ni tip.
The Part of Neck Formation and Destruction
When Ni tip is gradually pulled out of Cu substrate,
adhesive force between Ni tip and Cu substrate continues
to increase ﬁrst. The largest adhesive force (approximately
6.63 GPa) is arrived at point N in Fig. 2. This process of
adhesive load increase during this part is accompanied by
the formation of Cu neck. Compared with pressure-induced
Fig. 3 Atomic conﬁgurations
of Cu substrate during
indentation process at different
depth: a g = 0.0 nm,
b g = 0.9 nm, c g = 1.38 nm
and d g = 1.82 nm
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123stacking faults and twinning faults during indentation,
stacking faults and twinning faults are produced as a result
of pulling force. The stacking faults and twinning faults are
crucial for the formation and elongation of neck. This is
illustrated in Fig. 5a, as atoms on ð 1 11Þ and (111) planes
begin to slip, Cu atoms encircled by the slip planes move
upward. The more stacking faults or twinning faults
beneath Ni tip, the longer the neck will be.
In accordance with sawtooth-shaped loads observed in
experiments [33, 35], the irregular jumps of load–depth
curve during unload process are shown in Fig. 2, as Ni tip
is pulled out of Cu substrate. Our displacement-controlled
simulation reveals clearly the underlying mechanism of
irregular load-jump. We ﬁnd that two main fracture
mechanisms are responsible for the sawtooth-shaped load:
the atomic rearrangement caused by stepped surface at the
initial stage of neck break and the shear behavior along the
close-packed plane. The two main mechanisms will be
discussed in detail in later discussion.
Figure 5b is the atomic conﬁguration when neck ﬁnally
fractures at a tip–substrate distance of 3.5 nm. A large
amount of Cu atoms are transferred to nickel tip. This is
due to the fact that fracture occurs in the middle of the
neck, not at the interface of Ni tip and Cu substrate. Two
holes and a cluster are both observed after neck fracture. It
is worth noting that adhesive force leads not only to the
damage of the surface of Cu substrate but also to perma-
nent plastic deformation deep in Cu substrate. This kind of
plastic deformation is not often observed in MD models.
Discussion
Deformation Twinning
Twinning faults are observed in Cu substrate both during
the indentation and retraction processes. Based on the
recently proposed the GPF curve [36], we discuss the
formation of twinning faults that occur during nanocontact.
For FCC metals, the GPF curve represents the energy cost
of rigidly shifting two semi-inﬁnite blocks of crystal on a
{111} plane along\112[direction. Here, the same strat-
egy as in reference [37] is employed to produce the GPF
curve of Cu based on the EAM potential used in our
simulation. The GPF curve of Cu is plotted in Fig. 6.
Unstable stacking fault energy cusf is the energy barrier that
need to be crossed over for the formation of a stacking fault
along the \112[ direction in a perfect FCC lattice
Fig. 4 Atomic conﬁgurations
of Cu substrate during the ﬁrst
part of retraction process at
different depth: a g = 0.76 nm,
b g = 0.1 nm
Fig. 5 Atomic conﬁgurations
of Cu substrate during the
second part of retraction process
at different depth: a g =
-1.56 nm, b g =- 3.5 nm
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123structure. Stacking fault energy csf is the stable energy
stored in a stacking fault. After a stacking fault is sustained,
the adjacent plane need to overcome another energy barrier
referred as unstable twining fault energy cutf for the for-
mation of a twinning fault. Therefore, the energy necessary
for the formation of a twinning fault is cutf-csf. When
cutf-csf is approximately equal to the energy barrier cusf for
the formation of a stacking fault, stacking faults and
twinning faults will both occur during nanocontact.
The calculated values of cutf, csf, and cutf for Cu are
179.5, 52.4, and 199.8 mJ/m
2, respectively. The energy
required for forming a twinning fault (namely, cutfcsf =
147.5 mJ/m
2) is even less than the energy required for the
formation of a stacking fault (cutf = 179.5 mJ/m
2). There-
fore, deformation twinning becomes an important defor-
mation mechanism during nanocontact. In our simulation,
two–three-layer twinning faults are observed beneath Ni tip
at the maximum indentation depth as seen in Fig. 3d.
However, compared with the twinning faults that occur
during indentation shown in Fig. 3d, more twinning faults
are observed in the process of tip retraction, as shown
Fig. 5a. This is not surprising if we take into account of the
high stress intensity near steps of Ni tip during indentation.
The close-up in Fig. 3d shows the role of high stress
intensity during indentation. It can be seen that all Shockley
partials emitted into Cu substrate from the steps of Ni tip
where stress intensity is high. The emission of a Shockley
partial from one step of Ni tip will result in stress release,
while unreleased high stresses near other steps tend to
trigger the emission of Shockley partials more easily. As a
result, the formation of twinning fault is retarded unless
sufﬁcient energy is accumulated in the process of indenta-
tion. In the process of Ni tip retraction, stress intensity near
the interface of Ni tip and Cu substrate is not very high
because the steps of Ni tip are closely surrounded by Cu
atoms, as shown in the inset of Fig. 5a. Without the inﬂu-
ence of high stress intensity, the tendency of twinning for-
mation during tip retraction is much stronger than that in the
process of indentation.
Two Different Types of Fracture Mechanisms
Although sawtooth-shaped load curves are observed in
nanocontact experiments during retraction [33, 35], it is
difﬁcult to directly reveal the underlying deformation
mechanism through the atomic conﬁgurations. In our
simulation, we ﬁnd that two different types of fracture
mechanisms are both responsible for load-jump during tip
retraction. Based on the conﬁgurations and displacement
vectors of Cu atoms during the process of neck fracture, we
will discuss the two fracture mechanisms in detail.
Figure 7a illustrates the typical movement of Cu atoms
near the interface corresponding to load-jump of P–Q stage
in Fig. 2 during initial stage of neck elongation and frac-
ture. Red circles and arrows represent the position and
displacement vectors of atoms before load-jump, respec-
tively. The solid spheres are the atoms after load-jump.
Fig. 6 Generalized planar fault energy (GPF) curves of single crystal
Cu, where a is equilibrium lattice parameter
Fig. 7 Two different types of
fracture mechanisms during the
neck fracture
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123It can be seen that Cu atoms will tend to rearrange near the
stepped surface of Ni tip and ﬁll in the vacancy sites. This
kind of atomic rearrangement can also be conﬁrmed by
displacement vectors. Instead of paralleling to any slip
direction, most displacement vectors near the interface are
perpendicular to the tip. Further retraction of Ni tip ﬁnally
leads to the breakage of metallic bond and load-jump in the
load–depth curve. It is worth noting that although slips of
atoms along ð 1 11Þ and (111) planes still occur in the
substrate at this stage, they only lead to slight load-jumps,
which are similar to load-jumps during the process of
indentation as shown in Fig. 2. Therefore, atomic rear-
rangement is mainly responsible for the sawtooth-shaped
load-jump at the initial neck-break stage.
After the rearrangement of Cu atoms on the two sides of
Ni tip, the thinnest point of Cu neck happens in the middle
of Cu neck, not at the interface as shown in Fig. 5a. From
the stage of necking point formation to the breakage of
neck, sawtooth-shaped load is mainly attributed to the
shear processes on (111) plane. Displacement vectors of Cu
atoms along (111) plane in Fig. 7b reveal the process of
shear behavior near the necking point (corresponding to
T–U stage). When the accumulated energy at the necking
point reaches to critical value, the homogeneous shear
suddenly occurs along (111) slip plane. Shear process is
accompanied by the sudden breakage of atomic bonds on
the two sides of necking point (corresponding to load-jump
in the load–depth curve) and the decrease of cross-sectional
area. Shear slip processes in the necking point also evi-
dently elongate the neck till the neck fracture completely.
Analysis of Adhesive Fracture
The critical adhesive force and the critical contact radius
for neck fracture occurred is one of the most important
topics in adhesive contact researches. In order to further
investigate the maximum adhesive force and its corre-
sponding contact radius, a comparison between theoretical
models and our results is made. One of the most important
adhesive contact models is the one developed by Johnson
et al. [38] (JKR model) to describe adhesive contact
between a linearly elastic sphere and a ﬂat plane. Based on
the three-dimensional JKR model developed by Johnson,
Chen and Wang [39] derives two-dimensional JKR adhe-
sive contact model
F ¼ 
pE a2
4R
þ
ﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃ
2pE ax
p
ð2Þ
where F, E
*, R, a and x are the applied load, the reduced
Young’s modulus, the radius of cylinder, the contact half-
width and the work of adhesion, respectively. The reduced
Young’s modulus E
* is deﬁned as
1
E  ¼
ð1   m2
1Þ
E1
þ
ð1   m2
2Þ
E2
ð3Þ
where E1, m1 and E2, m1 are the Young’s modulus and
Poisson ratio of Ni tip and Cu substrate, respectively. The
work of adhesion can be expressed
x ¼ c1 þ c2   c12 ð4Þ
where c1, c2 are surface energy of two contacting surfaces,
and c12 is the interfacial energy. According to two-
dimensional JKR model [namely, Eq. (2)], the critical
load Fc and critical contact radius ac for neck fracture
occurred are
ac ¼ R
2
3 2x
pE 
   1
3
ð5Þ
Fc ¼ 
pE a2
c
4R
þ
ﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃ
2pE acx
p
ð6Þ
.
To take into account the effects of surface morphology
and crystal orientation, the work of adhesion in our model
is estimated by calculating the difference of potential
energies between the starting conﬁguration and the equi-
librium conﬁguration when the external load is zero in the
process of indentation [17]. In this way, we estimated that
the work of adhesion x between Ni tip and Cu substrate is
2.23 J/m
2. By taking the radius of cylinder R = 10 nm and
the reduced Young’s modulus E
* = 97.7 GPa into Eqs. (5)
and (6), we can get the theoretical critical load Fc and
critical contact radius ac, which are 29.5 N/m and 1.1 nm,
respectively.
Comparing the earlier JKR theoretical results with our
numerical results in which the critical load F and critical
contact radius a are 50.6 N/m and 2.3 nm, respectively, we
ﬁnd that there are deviations between our numerical results
and the JKR results, but it is still acceptable. In fact, due to
the discrete nature of atomic-scale model, Ni tip in our
simulation is not an ideal cylinder tip with a tip radius of
10 nm. The true radius of Ni tip should be larger 10 nm.
Also, severe plastic deformation and material transfer
which are not taken into account in elastic adhesive contact
JKR model occur in our simulation. These two important
factors mentioned earlier could possibly lead to deviation
from theoretical results. Our later research will thoroughly
examine the inﬂuence of these factors.
Conclusions
Multiscale simulation of nanocontact including the pro-
cess of indentation and retraction are carried out using the
quasicontinuum method. A large tip with a radius of
698 Nanoscale Res Lett (2010) 5:692–700
12310 nm is chosen to mimic experimental tip in our simu-
lation. Our research shows that plastic deformation is
observed in an area as large as 20 nm wide and 10 nm
thick, both in the process of indentation and retraction.
The largest stacking fault extends into Cu substrate as
deep as 14 nm during tip indentation. Plastic deformation
deep in the Cu substrate does not disappear completely
after the neck facture.
Twinning faults are also observed both in the process of
indentation and retraction. The GPF curve of Cu reveals that
the energy barrier cutf-csf required for the formation of
deformation twinning is smaller than the energy barrier cusf
required for the formation of stacking fault. However, less
deformation twinning faults occur in the process of inden-
tation than that in the process of retraction. This is a result of
the high stress intensitycausedby surface morphology of Ni
tip. Step morphology of Ni tip retards the process of accu-
mulating sufﬁcient energy for emission of Shockley partials
in the plane adjacent to a pre-existing stacking fault.
In agreement with experimental results, sawtooth-
shaped load characterizes the process of tip retraction. Two
different fracture mechanisms are responsible for load-
jump at different stages of fracture. Initial stage of fracture
mainly occurs at the interface between Ni tip and Cu
substrate. At this stage, fracture occurs by atomic rear-
rangement: some Cu atoms are attracted to ﬁll in the
vacancy sites of stepped surface of Ni tip while other Cu
atoms fall back to the substrate. As neck elongate, fracture
occurs in the middle of Cu neck. Homogeneous shear along
one (111) plane over another is the dominant fracture
mechanism.
Comparing the critical adhesive force and the critical
contact radius for Cu neck fracture in our simulation with
JKR model, we ﬁnd that there is deviation existing between
theoretical values and numerical results. Several factors,
such as severe plastic deformation, material transfer and
the geometrical shape of Ni tip, may lead to this deviation.
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